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spacing, SsB. The slip band width decreases and the slip band spacing 
increases with increasing strain localization when particle shearing occurs (as 
predicted by Duva et al. [21]). The crack tip opening displacement was defined: 

5 = 2(Nb)sina = & 5 i £ 
Eay (16) 

where a is the angle between the slip planes and the crack plane, and K is the 
stress intensity factor. The shear strain in the slip band was then defined: 

YSB = Nb/WSB ( 1 7 ) 

Substituting YSBWSB for Nb, and assuming that initial crack extension occurred 
when YSB reached a critical value YSBC, led to the following equation for plane 
strain fracture toughness: 

Kic = (4cyysBcWsBSina)i0 (18) 

Taking into account the number of active slip bands which would be 
determined by the plastic zone width, D, and the slip band spacing, SSB/ Eq. 18 
became: 

KIC = {8E Sina ayWsB(D/SSB)YsBc)'« (19) 

Roven [28] recently simplified Eq. 19: 

Kic = {2SGBWsBCTyE/MtanaSsB}"2 (20) 

where SGB is the spacing of the grain boundaries and M the Taylor 
crystallographic orientation factor. This equation applies to the case where 
strain localization occurs in the matrix, and therefore for most underaged to 
peakaged conditions in heat treatable aluminum alloys. 

The second type of strain localization was the subject of studies by 
Hornbogen [22] and Ludtka and Laughlin [29]. Over aging is normally 
associated with a change in deformation mode from dislocation shearing to 
dislocation looping or bypassing of strengthening precipitates. At this stage, 
strain localization in the PFZ, microvoid nucleation at GB precipitates, and 
intergranular fracture may occur and control the fracture toughness of the 
material. Hornbogen [22] used the critical strain to fracture concept of Hahn 
and Rosenfield [18] to develop a relationship between fracture toughness and 
strain localization in the PFZ similar to Eqs. 19 and 20. For this case, crack 
initiation and propagation takes place through the soft PFZ : 
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KIC = {CEo^efpf.dpJSGBjl/Z (21) 

where dpfz is the width of the PFZ and C is an empirical constant with the 
dimension of length. Ludtka and Laughlin [29] examined several 7XXX series 
alloys with different solute levels. They observed that fracture toughness 
decreased as the term (aM - oPFZ) increased, where OM is the precipitation 
hardened yield strength and aPFZ is the strength in the PFZ. They claimed 
that this term was a qualitative measure of the tendency toward intergranular 
fracture, because it represented a propensity for strain localization near the 
grain boundary. 

Sugamata et al. [30] combined the concepts leading to Eqs. 20 and 21 to 
describe mixed mode fracture in 8090 as a function of aging time. A weighted 
average was used based on the amount of intergranular and transgranular 
failure observed on the surface of the fractured compact tension samples, and 
the results are shown in Fig. 18. 
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Fig. 18. Comparison of toughness values predicted by weighted average of transgranular and 
intergranular fracture models and experimental results. 

In addition to the strain localization in the PFZ, dimpled rupture may 
occur at equilibrium grain boundary precipitates in severely overaged 
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microstructures [31,32]. Figure 19 illustrates the relationship of areal density 
of equilibrium 5 grain boundary particles on toughness. 

Fracture resistance is maximized by reducing the volume fraction of 
constituent particles, and relying on Zr additions for grain structure control. 
Aging times and temperatures should be chosen to minimize grain boundary 
precipitation. Strain localization may be minimized by increasing the 
volume fraction of nonshearable particles. 
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Fig. 19. Variation in plane strain fracture toughness with area fraction of grain boundary 
precipitates, at constant-matrix yield strength for AI-3Li-0.5Mn and Al-6Zn-3Mg 
alloys from Refs. 31 and 32. 

Fatigue Resistance: A broad spectrum of experiments is available to 
investigate effects of fatigue loading on materials. Low cycle fatigue (LCF) 
experiments generate cyclic stress-strain information, and microscopic 
observation of the material after cycling gives insight into the mechanisms by 
which fatigue damage accumulates. Smooth or notched-bar fatigue life 
experiments, whether low or high cycle, generate plots of stress or strain 
range versus the number of cycles to failure. Experiments involving the 
propagation of pre-existing cracks utilize linear elastic fracture mechanics to 
accurately describe stress intensities at the crack tip and crack growth rates at 
various applied stress intensity ranges. Using these experimental techniques, 
the effects of variables such as composition, modulus, strength, environment 
and microstructure on fatigue resistance may be investigated. 
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Cyclic Stress-Strain Behavior: To achieve an understanding of fatigue, 
one must first realize how a material responds to an imposed cyclic strain. 
Cyclic plastic strain is a measurable physical quantity that is directly related to 
fatigue damage [33]. If a metal is cycled a given amount in tension and 
compression, the cyclic stress-strain response will be in the form of a 
hysteresis loop. Since plastic deformation is not totally reversible, 
modifications to the microstructure occur during cycling [34]. As a result of 
these modifications, the material exhibits cyclic softening or hardening. 
Annealed single phase alloys (e.g., 1100-O) tend to harden to a plateau, while 
work hardened tempers (e.g., 1100-H18) soften due to the instability of 
dislocation structures under fatigue conditions [35]. Age-hardened Al-Cu 
alloys (e.g., 2024 T8) show initial hardening followed by saturation, then 
softening before fracture [36,37]. The mechanism of strength loss is debatable, 
but has been attributed to the following phenomena: 

(1) Repeated shearing reduces particle diameters to the point of 
thermodynamic instability [38] 

(2) Repeated shearing reduces particle cross-section until the 
particle is no longer an effective barrier [39] 

(3) Repeated shearing causes disordering of the ordered 
precipitates [40]. 

Regardless of the details, the mechanism responsible for cyclic softening 
depends on both microstructure and slip distribution. Fine and Santner [36] 
generated cyclic stress strain curves for Al-Cu alloys with various 
microstructures. Cyclic hardening followed by cyclic softening was observed 
when the microstructure contained only GP zones. With 0' particles as the 
sole precipitate, the softening behavior was less pronounced and less strain 
localization was observed. In 2024, the distribution of Mn containing 
dispersoids and constituent particles homogenized slip, thereby preventing 
any softening from occurring. 

Stolz and Pelloux [41] investigated the low cycle fatigue behavior of two 
categories of Al alloys: those strengthened by shearable precipitates and those 
strengthened by nonshearable particles. They observed a large Bauschinger 
effect in the alloys containing nonshearable particles, and attributed this to 
back stresses exerted by the nonshearable particles on the matrix. The shape 
of the hysteresis curves was unusual in that the compression side of the stress 
strain loop exhibited a change in curvature. 

Prasad et al. [42] studied the low cycle fatigue behavior of 8090-T851. 
They observed hardening for only a few cycles, followed by cyclic stability and 
final softening. Their fractography indicated a change in fracture behavior 
with applied strain amplitude. At low strain amplitudes a high energy 
transgranular shear process appeared to dominate, while at high applied 
strain amplitude a lower energy intergranular fracture process was observed. 
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They attributed the intergranular fracture to localized plastic deformation 
resulting from particle shearing. 

Smooth Bar Life: Cracks may nucleate at the surface of a smooth bar 
fatigue specimen, or at internal sites. The initiation event is tied to the level 
of observation, and in many cases, cracks exist in the microstructure, but are 
not large enough to be detected by the usual techniques (dye penetrants, 
radiography, eddy currents). Surface nucleation sites include scratches and 
extrusions/intrusions where persistent slip bands (PSB's) intersect the 
surface. Alloy microstructure, or, more specifically, the deformation behavior 
of a particular microstructure may affect the severity of the PSB's that 
intersect the surface and form slip steps. As illustrated in Eq. 15, the number 
of dislocations in a slip band may be predicted by examining the details of the 
microstructural features. The greater the tendency of the alloy to produce 
intense slip bands (higher N), the earlier a fatigue crack is likely to form, and 
the larger it is likely to be. As mentioned earlier, commercial alloys contain 
dispersoids, which tend to homogenize slip by providing impenetrable 
obstacles to gliding dislocations, thereby reducing the slip length. Figure 20 
shows S-N curves for 7075 and X7075, an alloy with no dispersoids [43]. The 
alloy with no dispersoids failed in fewer cycles at the same stress level 
compared to the commercial alloy. A similar trend is observed for grain size, 
i.e., fine grain size (shorter slip lengths) allows a longer fatigue life than large 
grain size (longer slip length) material of the same composition, mainly 
because the crack that will propagate through the sample starts at a higher AK 
level in the large grain material (equal stress range, larger initial crack length; 
see FCP section). 
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Fig. 20. S-N curves for commercial 7075 alloy and the pure equivalent (X-7075), each aged 24 hr 

at 100°C, from Ref. 34. 
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Strengthening precipitates and dispersoids influence fatigue lives of 
smooth bar samples by determining the slip length. However, in commercial 
alloys, crack nucleation often occurs at constituent particles. Nucleation may 
occur by debonding of the particle/matrix interface [44], or by cracking along 
slip bands emanating from or terminating at the large constituent particles 
[35]. Fatigue resistance of smooth bars may be improved by reducing the size 
and volume fraction of constituent particles, and reducing the slip length 
with fine grain size or sufficient volume fraction of dispersoids. 

Fatigue Crack Growth: The resistance of an aluminum alloy to crack 
propagation under cyclic loading is of great interest to the design community. 
Assuming there are already cracks in a structure, fatigue crack propagation 
(FCP) data will help designers predict a safe service life for the component. 
This "damage tolerant design" is used by the aircraft industry to maximize 
service lives of structures. Fatigue crack growth data for a specific alloy can 
also be used to predict an applied stress intensity range below which fatigue 
crack propagation does not occur. 

Modern study of fatigue crack growth began in 1963 when Paris and 
Erdogen demonstrated the functional relationship between the incremental 
crack extension per cycle (da/dN) and the stress intensity range (AK) [46]: 

This relationship is reasonable between -10-5 and 10-3 mm/cycle, and 
constitutes the linear, or Paris region of the FCP curve. Lindley, Richards and 
Ritchie [47] studied a variety of alloys over a wide range of AK and Kmax and 
constructed the summary diagram shown in Fig. 21, dividing the sigmoidal 
FCP curve into three regions based on the mechanism of FCP. 

The discovery of the crack closure phenomenon by Elber explained the 
effect of load ratio (o m i n /o m a x , or Kmin/Kmax) on FCP. Subsequently, 
considerable effort was dedicated to separating "extrinsic" effects such as 
closure from the "intrinsic" material FCP behavior. Unfortunately, extrinsic 
effects such as closure are unavoidably associated with alloy composition and 
microstructure [38]. Microstructural components, e.g., precipitates, 
dispersoids and constituent particles, control the slip character of the alloy. 
Slip character, in turn, dictates deformation and fracture behavior, which 
tends to control the amount of closure. 

Environmental effects such as corrosion fatigue and hydrogen 
embrittlement occur in a wide variety of environments including laboratory 
air [49,50]. These experiments can be performed explicitly, but often the 
environmental effects interfere with attempts to investigate purely 
mechanical FCP behavior. Carter et al. [50] showed that conditions leading to 
heterogeneous deformation behavior (shearable precipitates, large grain size) 
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improved FCP resistance in vacuum, but had little effect in laboratory air. 
This mild environment interacted strongly with the microstructure that 
favored heterogeneous deformation causing the FCP curves to collapse into a 
narrow band [50]. 
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of stress, environment, and microstructure on crack growth in three different regimes, 
from Ref. 47. 

A concerted effort has been made to study the FCP behavior of Al-Li 
alloys, since these alloys are targeted for aerospace applications. In general, 
Al-Li alloys exhibit superior FCP resistance when compared to conventional 
alloys [51-54]. This behavior is generally attributed to a high level of closure, 
crack branching and deflection. Figure 22 shows that for constant load ratio 
(R=0.1) FCP testing, three of the five commercial Al-Li alloys exhibit better 
FCP resistance in laboratory air than Al-Zn-Mg alloy 7150 [55]. 8090-T8X and 
2090-T8X exhibit comparable and better FCP resistance than 2124-T351. All Al-
Li alloys exhibited higher closure levels than 7150-T651 or 2124-T351. 

Piascik and Gangloff [46] studied environmental effects on fatigue crack 
growth of 2090. The authors observed identical intrinsic (constant Kmax)1 

'Testing procedure where K ^ is held constant and K ^ is elevated to perform the AK shed to 
threshold. The load ratio increases, thereby ensuring a high R in the threshold region. 
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growth rates for 2090 in vacuum, helium, and oxygen environments. 
Hydrogen embrittlement was proposed as the mechanism for environmental 
fatigue cracking in moist air, water vapor, and salt water. In addition, 2090 
was shown to exhibit better intrinsic environmental FCP resistance than 7075-
T651 and similar resistance to 2XXX series alloys. 
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Fig. 22. Fatigue propagation curves for commercial Al-Li alloys compared with conventional 
2124 and 7150, from Ref. 54. 

Slavik et al. [57] investigated the influences of microstructure on inert 
environment (dynamic vacuum better than 5uPa) intrinsic FCP for Al-Li-Cu-
Mg alloys 8090 and X2095, Al-Li-Cu alloy 2090, and Al-Cu-Mg alloy 2024. 
Figure 23 shows the da/dN vs. AK behavior for all microstructures 
investigated. As listed in Table 9, the fracture modes are identical for all Li-
containing alloys, regardless of deformation mode. "T" plane sections2, 
shown in Fig. 24, illustrate the marked difference in failure modes between 
the ductile tearing of 2024 and the faceted slip band cracking of the Al-Li 
alloys. 

Studies of many alloy systems by Speidel [58] suggest that normalizing 
crack growth rate curves by dividing AK by the elastic modulus effectively 
collapses them into a narrow band. Figure 25 illustrates the effect of 
normalizing based on modulus, and the correlation is reasonable, except for 
alloy X2095. 

2The loading direction of the compact tension specimens was parallel to the rolling direction, 
"L", and the crack propagated in the transverse direction, "T". Therefore, the sectioning plane 
perpendicular to the crack growth direction is "T". 
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Fig. 23. Intrinsic, inert environment fatigue crack growth rates for Al-Li-Cu-Mg and 2024 alloys, 
from Ref. 56. 

Table 9. Summary of Deformation and Fatigue Fracture Properties 

da/dN* at 
Wt Pet Vf Deformation Failure AK = 5 

Alloy Li ff Mode Mode MPA^/m 

AA2024-T8 
AA8090-T8771 
AA8090-DA 
AA2090-T81 
X2095-T8 

0 
2.6 
2.6 
2.2 
1.3 

0.0 
0.2 
0.1 
0.2 
0.0 

homogeneous 
coarse planar 
homogeneous 
coarse planar 
homogeneous 

tearing 
faceted 
faceted 
faceted 
faceted 

4.2x10-6 
1.7x10-6 
1.7x10-6 
8.4 x 10-7 
3.1 x 10-7 

*da/dN in millimeters/cycle 
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Rg. 24. fescfare s u i t e s and T-fiane sections for (a) 2024-T8, CW 2090-TB1, (c) X2095-TB, (d) 
809O-TB77, and (e) 8090-DA, from Bet 56. 
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Fig. 25. Intrinsic, inert environment fatigue crack growth rates for Al-Ii-Cu-Mg alloys and 2024 
plotted versus AK/E, from Ref. 56. 

Stress Corrosion Cracking: Aluminum alloy structures loaded below 
ay and KiC may still experience catastrophic failure, even if the load is not 
cyclic in nature. Cracks may initiate and propagate in the presence of tensile 
stresses and aggressive environment. As mentioned earlier, humid air 
qualifies as an aggressive environment for some aluminum alloys. This 
stress corrosion cracking (SCC) failure mode is common in 2XXX, 7XXX and 
certain microstructural conditions of 5XXX series alloys. The specific 
aluminum alloys, 7079-T6, 7075-T6, and 2024-T3, have contributed to over 
90% of SCC service failures of aluminum alloys. 

At this time, the exact mechanism responsible for SCC of a susceptible 
aluminum alloy in a particular environment remains controversial [58]. 
However, variations of two basic theories abound in the literature. Crack 
advance by anodic dissolution was first proposed by Dix [59] in 1940. In this 
scheme, preferential corrosion is assumed to occur along active paths, such as 
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grain boundaries with precipitates, stimulated by stress. The second scenario, 
embrittlement and loss of ductility from penetration of the aluminum lattice 
by hydrogen atoms, was first proposed as a mechanism of SCC in aluminum 
alloys by Gruhl et al. [60]. There is a formidable body of evidence presented in 
the literature for hydrogen embrittlement (HE) as the cause of SCC [60-63]. 
Table 10 lists the controlling factors (microstructural and other) in the two 
basic theories. 

Table 10. Controlling Factors in SCC Models [58] 

Anodic Dissolution 

Grain boundary precipitate size, spacing, 
and/or volume fraction 
Grain boundary PFZ width, solute profile or 
deformation mode 
Matrix precipitate size / distribution and 
deformation mode 
Oxide rupture and repassivation kinetics 

Hydrogen Embrittlement 

Hydrogen absorption leading to grain 
boundary or transgranular decohesion 
Internal void formation via gas 
pressurization 
Enhanced plasticity (adsorption and 
absorption arguments exist) 

An important fact to remember is that pure aluminum does not stress 
corrode, and for any given system, susceptibility increases with the solute 
content that may be put in supersaturated solid solution [64]. This 
information, coupled with data and the controlling factors of the two models, 
suggests that microstructural alterations may influence SCC behavior for a 
given composition. 

Wrought 7XXX series alloys are susceptible to SCC in moist air as well 
as aqueous environments. The alloy susceptibility is known to be sensitive to 
heat treatment, and therefore microstructure. However, no clear cause and 
effect has been established between specific microstructural features and crack 
velocity. Figure 26 shows v-K curves for different tempers of Al-6Zn-2Mg-
XCu alloys. In the T651 tempers there is an improvement in both regions I 
and II with copper content. Alloys with 0% and 1% copper show only small 
improvements in plateau velocity, and significant strength loss with 
overaging, whereas alloys with 1.6% and 2.1% Cu are immune to SCC in the 
overaged temper. Improved SCC resistance with overaging (T7X tempers) 
has been attributed to a number of factors. Two of the most often cited 
controlling factors are matrix deformation characteristics and grain boundary 
precipitate size and distribution. 

Sarkar et al. [65] offer the following explanation for the effects of 
deformation and copper content on the stress corrosion susceptibility of 7XXX 
alloys. Stress corrosion is a stress activated cracking process. In region I it is 
strongly affected by Ki; consequently, the factors that control the effective local 
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stresses at the crack tip control the crack growth velocity in this region. Since 
SCC in these alloys is intergranular, the critical local stress, xc, necessary for a 
certain crack growth velocity in region I, is most likely due in part to the 
dislocations piled up at the grain boundary, i.e., xc = NxRSS where XRSS is the 
resolved shear stress and N is the number of dislocations in the pile-up. In 
the T651 condition, the 0 pet Cu alloy exhibits an inhomogeneous planar 
mode of deformation and, therefore, N is very high (as predicted by Duva et 
al. [21]). Consequently, a high stress concentration develops at the tip of the 
pile-up at a high angle grain boundary and the stress corrosion cracking 
velocity is high. An addition of 1 pet Cu has no effect on the deformation 
mode; N remains similar, and stage I cracking is not affected (Fig. 26a). As the 
amount of copper is increased to 1.6 pet, the deformation mode changes from 
inhomogeneous planar slip to homogeneous looping and the effective 
number of dislocations in a pile-up decreases. To achieve the same local 
stress with fewer dislocations in the pile-up, xRSS has to be increased, i.e., the 
externally applied stress has to be raised. This shifts the region I line to the 
right in the v-Ki graph. Increasing the copper content to 2.1 pet shifts region I 
further to the right because of further homogenization of deformation. 
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Fig. 26. Effect of stress intensity on stress corrosion crack velocity of Al-6Zn-2Mg-XCu alloys 
with varying copper contents in 35 pet. Nad, (a) T651 temper, and (b) T7X51. 

Increasing the copper content decreases the crack velocity progressively. 
The reduction reached two orders of magnitude for the change from 0.01 to 
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2.0 pet Cu. The effect can be mainly attributed to the change in the 
electrochemical activity of the precipitates as a function of their copper 
content. In the 7XXX series alloys the T| phase is very active and anodic with 
respect to the film-covered matrix [66]. If the alloy contains copper, copper 
both disolves in the matrix and enters the T| phase, making both more noble 
[67,68]. As a result, the mixed potential at the crack tip shifts to a more noble 
value. The decrease in the crack velocity can then be attributed to the reduced 
rate of dissolution of the more noble precipitates, or reduced rate of hydrogen 
ion reduction and hydrogen adsorption at the crack tip at the more noble 
potential. 

The decrease in crack velocity with overaging for the 0 pet Cu alloy 
(Fig. 26b) may be attributed to the change of the deformation mode from 
inhomogeneous in the T651 condition to homogeneous in the T7X51 
condition, and the corresponding reduction in the stress concentrations at the 
grain boundaries. For the copper-containing alloys the decrease in crack 
velocity may be due to the combined effects of further copper enrichment of 
the precipitate with overaging, and homogenization of deformation. 
Another possible cause of a change in crack velocity is an increase in the grain 
boundary area fraction covered with preciptates during overaging; this 
correlation was reported by Poulose, et al. [69]. In the dissolution model, 
assuming that the crack velocity is controlled by the dissolution of the 
precipitates, the larger area fraction of the anodes would result in lower 
anodic current density and lower crack velocity. On the other hand, in the 
model of cracking caused by hydrogen absorption the more negative mixed 
potential associated with larger anodes would be expected to result in higher 
rate of hydrogen ion reduction and higher crack velocity. 

The results of Sarkar et al. [65] explain why copper-containing alloys 
such as 7075 can be made resistant to SCC by the T73 overaging treatment 
whereas for the low copper alloys, like 7079, a considerable amount of 
overaging is required with severe strength penalty to improve the stress 
corrosion resistance, the effect being substantial only in region I. Since 7079 
contains little copper, extended overaging results in the precipitates becoming 
completely incoherent and the deformation mode changes from planar to 
homogeneous. This improves the stress corrosion behavior in the stress 
intensity sensitive region I but has less effect in region n because the potential 
difference between the precipitates and the matrix remains essentially 
unchanged. 

The duplex aging treatment that is used to produce the T7X temper 
results in a 10-15% loss in strength compared to T6 [58]. A treatment referred 
to as retrogression and reaging (RRA) has been shown to produce T6 strength 
levels while imparting T7X SCC and exfoliation corrosion resistance. The 
proposed heat treatment schedule follows normal T6 procedures, followed by 
a short excursion in the 180-280°C range and reaging at a lower temperature to 
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regain strength. Explanations for improved SCC resistance are similar to 
those for duplex aging [58], and at a similar level of acceptance. 

Wrought Al-Mg alloys (5XXX series) are known to be quite resistant to 
SCC and other forms of corrosion. However, if the alloys are exposed to 
temperatures in the neighborhood of 40°C for a number of years (tropical 
climate), or 90°C-100°C for a number of days, precipitation of the beta phase 
(Mg2Ak) occurs in a semi-continuous film covering the grain boundaries [70]. 
This phase is anodic to the aluminum matrix, and the result is extreme 
susceptibility to SCC in aqueous chloride containing environments. 
Although anodic dissolution of the grain boundary phase was originally 
proposed as the mechanism for crack advance [71], Pickens et al. [72] 
demonstrated that HE could be the mechanism of crack advance if the 
cathodic half reaction was considered in the dissolution of the beta phase. 

Summary: An aluminum alloy is usually selected based on its ability 
to provide adequate strength for an application. However, the designer must 
consider damage tolerance in a number of forms. Resistance to catastrophic 
failure due to the presence of flaws (toughness), subcritical crack growth from 
cyclic loading (FCP), or environmental interactions (SCC), among others, are 
important factors in designs that utilize high strength aluminum alloys. 

Microstructural features that contribute to improved mechanical 
properties, as well as those that degrade alloy performance have been 
presented in this section. Microstructural optimization, where strength 
concessions are made for adequate damage tolerance, is an extremely 
important procedure. Some examples of this have been presented (T7X 
temper). In addition, examples of how adequate damage tolerance may be 
achieved without sacrificing strength (RRA) are also mentioned. Increased 
understanding of how the microstructural features influence each of the 
design critical properties will allow further advances in microstructural 
design and optimization of microstructures for applications requiring high 
strength and damage tolerance. 

VI. PROBLEMS 

1. Derive a materials selection parameter (e.g., E/p) for the minimum weight 
of a cantilever beam for a deflection limited design. Repeat the exercise if 
elastic deflection is not important, but yielding is to be avoided. Using the 
values in Table PI, how do the alloys AA7150, AA2090 and 4340 steel compare 
for each case? (For simplicity, assume circular cross section for the beam) 
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Table PI 

Alloy 

AA2090 
X2095 
AA7150 
4340 (steel) 

p (g/cm3) 

2.55 
2.70 
2.82 
7.84 

oy (MPa) 

550 
660 
575 

1200 

Kic 
(MPaVm) 

35 
25 
30 
80 

E (GPa) 

77 
76 
71 

200 

Elongation 
to failure 

(%) 

12 
8 

12 
10 

2. Al-Mg and Al-Li binary alloys exhibit serrated yielding at certain 
temperature and strain rate conditions. If the mechanism is similar to the 
dynamic strain aging observed in carbon steels (migration of solute 
atmospheres with gliding dislocations), what strain rate-temperature 
combinations should produce the effect in the aluminum alloys? Are the 
results reasonable? Explain. What effect will cold work prior to tensile testing 
have on the results? (D=D0exp[-Q/RT] Li: D0=4.5xl(Hm2/s Q= 139.4 kj/mol; 
Mg: D0=4.4xl(H mVs Q= 140.3 kj/mol) 

3. Calculate the spacing of hard particles required to double the yield strength 
of pure aluminum. What spacing would be required to produce a yield 
strength on the order of the theoretical strength of the aluminum crystal 
lattice? 

4. The critical particle diameter for the transition from dislocation shearing 
to looping was derived for the case of order hardening (d<; = Gb2/y). Derive 
the critical diameter for the case of coherency hardening. 

5. Isothermal time-temperature-transformation (TTT) and continuous 
cooling diagrams for precipitation processes take the form of C-curves, see Fig. 
7. What two competing forces or phenomena lead to this shape? For the 
dissolution of MgZn2 in a typical 7XXX alloy, sketch a time-temperature-
dissolution (TTD) diagram. 

6. Sugamata et al. predicted toughness values for AA8090 by calculating the 
relative contribution of failure in slip bands and grain boundaries. If the 
failure criteria of Hahn and Rosenfield was applied to their data, what range 
of toughness is predicted?[c,,=465 MPa, E=80 GPa, KiC=26 MPaVm 
(experimental), and 25 MPaVm (calculated by their expression)] 
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7. Calculate the critical flaw size for an embedded, circular crack in alloy 
X2095 (Kic = 25 MPaVm) and AA2090 (KIC = 35 MPaVm). Assume a service 
stress of 400 MPa in tension. If the initial crack length is 1/100 the critical flaw 
size, estimate the number of cycles to failure for X2095 and AA2090, assume 
an alternating stress of 400 MPa (Hint: use Figure 23). 
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